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The microstructure and texture evolution during cold rolling with total thickness reductions of 20–80%
(nominal strains of 0.22–1.61) and their effect on the tensile behavior of an Fe–17Mn–1.5Al–0.3C steel
were studied. The cold rolling to total strains of 0.5 was accompanied by multiple deformation twinning,
resulting in the formation of twin/matrix lamellae with the boundary spacing of 35 nm. Correspondingly,
the textural changes were characterized by the rapid evolution of rather strong Brass and S texture
components. An increase in the rolling strain led to further reduction in the boundary spacing down to
about 20 nm and the development of shear banding, which promoted the formation of γ-ﬁber (〈111〉||ND)
at large strains. Before cold rolling, the investigated steel exhibited a large total elongation above 90%
because of the TWIP (twinning-induced plasticity) effect and a relatively low yield strength of 245 MPa.
The cold rolling resulted in signiﬁcant increase in the yield strength up to 1440 MPa after rolling to a total
strain of 1.61, whereas the total elongation decreased to 5%. The strengthening of the present steel during
cold rolling was attributed to increased dislocation density and reduced twin/grain boundary spacing.
& 2015 Elsevier B.V. All rights reserved.1. Introduction
Recently, high-Mn austenitic steels have aroused a great in-
terest among materials scientists and mechanical engineers [1–5].
This interest is primarily motivated by an extraordinary strain
hardening leading to outstanding ductility of high-Mn austenitic
steels. Such an unusual deformation behavior is attributed to
pronounced deformation twinning resulting in so-called twin-
ning-induced plasticity (TWIP) effect [1,2]. The TWIP effect is ex-
pected in high-Mn austenitic steels, which have relatively low
stacking fault energy (SFE) of 20–50 mJ/m2 at ambient tempera-
ture [6,7]. Besides manganese, the TWIP steels are usually alloyed
with carbon, aluminum and silicon to obtain the desired value of
SFE. The excellent combination of strength and ductility of high-
Mn TWIP steels makes them very attractive for various structural
applications, especially, for automobile engineering, where the
strength-ductility relationship is closely associated with passenger
safety.
Presently, most of high-Mn austenitic TWIP steels are semi-
products processed under conditions of hot working. The main
disadvantage of the hot worked semi-products with recrystallized
microstructures is their relatively low yield strength of about 200–).400 MPa [1,8], which limits their applications in crucial structural
elements. Therefore, speciﬁc attention of the current research ef-
forts focuses on alternative processing technologies, which could
be utilized for processing of high-Mn TWIP steels with enhanced
strength properties. Several approaches are considered for the
fabrication of advanced high-Mn TWIP steels. Those include cold
or warm working [9–12] and combinations of cold working and
annealing [13–15]. It has been shown that conventional high-Mn
TWIP steels can be processed in a high strength state with the
yield strength above 600 MPa and sufﬁcient ductility, i.e., total
elongation beyond 30% [9]. The cold rolling is the most efﬁcient
processing method that can be used for the development of high-
Mn TWIP steels with beneﬁcial combination of strength and
ductility. The cold rolling results in the activation of deformation
twinning and causes a drastic increase in the dislocation density,
leading to signiﬁcant strengthening. Shear banding follows de-
formation twinning at sufﬁciently large rolling strains that result
in degradation of plasticity. In our recent studies [16–18] we in-
vestigated the correlation between microstructure and texture
evolution during cold rolling. However, the inﬂuence of the mi-
crostructure evolution during cold rolling on the mechanical be-
havior is still not perfectly understood. In the preset study, the aim
is to comprehensively investigate the structural and textural
changes in an Fe–17Mn–1.5Al–0.3C austenitic steel during cold
rolling with different rolling reductions and to clarify the
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worked material.Fig. 1. X-Ray diffraction patterns of the Fe–17Mn–1.5Al–0.3C steel samples sub-
jected to cold rolling to strains of ε¼0.22 to ε¼1.61.2. Experimental
A high-Mn austenitic TWIP steel containing 0.3 C, 17.7 Mn,
1.5 Al, 0.01 Si, 0.07 Cr, 0.007 S, 0.02 P (all in wt%) was investigated.
The steel ingot was solution treated at 1150 °C for 4 h followed by
hot forging from 140 mm to 50 mm thickness in 3 passes and
subsequently annealed at 1150 °C for 4 h. The forged slab was hot
rolled at an initial temperature of 1150 °C to 10 mm thickness and
then annealed at the same temperature for 1 h. This thermo-me-
chanical treatment resulted in the formation of a uniform micro-
structure composed of equiaxed grains with an average size of
24 μm. The plate samples were cold rolled to 8, 6, 4 and 2 mm
sheets (the rolling reductions are 20%, 40%, 60% and 80%; and the
true strains are 0.22, 0.51, 0.91 and 1.61, respectively) at ambient
temperature with a pass strain of about 0.1. The structural in-
vestigations were performed on the RD-ND sections (RD – rolling
direction, ND – normal direction), using a Quanta 600 ﬁeld
emission gun scanning electron microscope (SEM) and Jeol JEM-
2100/2000 FX II transmission electron microscopes (TEM). The
SEM/TEM samples were electro-polished using an electrolyte
composed of 10% perchloric acid and 90% acetic acid at a voltage of
20 V at room temperature. The deformation microstructures were
revealed by etching at room temperature using an etching solution
consisting of 2 g potassium disulﬁde (K2S2O5) and 100 ml cold
saturated Klemm I solution (Na2S2O3þ5H2O). The misorientations
among ﬁne substructures were analyzed by the conventional TEM
Kikuchi-line method with a converged beam technique [19]. The
rolling textures were studied using a Bruker D8 Advance dif-
fractometer with a HI-STAR area detector and polycapillary fo-
cusing optics. The orientation distribution functions (ODF) were
calculated in MTEX using the data from three incomplete pole
ﬁgures, i.e., {111}, {200}, {220}. Assuming a spread of 15° from the
respective ideal orientation, the volume fractions of the various
texture components were calculated. The dislocation densities
were determined by X-Ray diffraction proﬁle analysis using an
ARL-Xtra diffractometer. The dislocation density (ρ) was calculated
from the average values of the crystallite size (D) and the micro-
strain 〈ε2〉, ρ¼3 (2π)0.5 〈ε2〉/(Db), where b is the Burgers vector
[20]. The tensile tests were carried out using an Instron 5882
testing machine on specimens with a gauge section of
1.5 mm3 mm cut out with the tensile direction parallel to the
rolling direction.3. Results
3.1. Deformation microstructures
The effect of rolling strain on the fraction of strain-induced ε-
martensite is shown in Fig. 1 as revealed by X-Ray diffraction
analysis. The cold rolling to a total strain of 0.22 (rolling reduction
of 20%) is accompanied with a partial martensitic transformation,
although the martensite fraction is small with about 2.9%. An in-
crease in the rolling strain leads to a slight increase in the mar-
tensite fraction, which ﬁnally attains about 4.3% after rolling to a
strain of 1.61 (80% reduction). Therefore, the austenite in the
present steel is rather stable against strain-induced martesitic
transformation.
Typical deformation microstructures that develop during cold
rolling are shown in Fig. 2 The cold working is accompanied by
extensive deformation twinning. Original grains are ﬂattened by
cold rolling and crossed over by twin bundles with at submicronscale level after rolling to a strain of 0.22 (Fig. 2a). The twin density
and the number of activated twin systems increase with increase
in the rolling strain. Up to three twinning systems were activated
in some grains. The twin spacing reduces down to nanometer
range as the rolling strain increases to 0.51. Another important
feature of the deformation microstructure that evolves during cold
rolling to a strain of 0.51 is the appearance of microshear bands,
which cross over the twinned grains (Fig. 2b). The number of
microshear bands and their thickness increase upon further cold
rolling (Fig. 2c and d), whereas the twin/matrix lamellae tend to
align with the rolling plane.
Fig. 3 shows the deformation substructures that evolve in the
steel subjected to cold rolling to a total strain of 0.22. Generally,
the deformation substructures are characterized by high disloca-
tion densities beyond 1015 m2. Individual dislocations are hard to
be resolved by conventional TEM observations. The primary (re-
latively thick) and secondary (thin) deformation twins are clearly
seen in Fig. 3. The average spacing between twin boundaries is
190 nm. The image of the deformation twins appear at the trans-
verse section of the rolled sample at about 20° to 60° to the rolling
plane in Fig. 3. The formation of ε-martensite phase occurs rarely
as proved by the dark-ﬁeld image in Fig. 3c. It is interesting to note
that the ε -martensite plates look like the secondary deformation
twins. Probably, the ε-martensite nucleates at secondary de-
formation twins along the same close packed crystallographic
austenite plane. The lettered points in Fig. 3b indicate the portions
of primary twins, where the local crystallographic orientations
were evaluated by converged beam Kikuchi-line technique. In
spite of large internal distortions caused by high dislocation den-
sity, twining, and martensitic transformation, the primary twins
retain their crystallographic relationships close to ideal ones. The
deviations of the measured misorientations (Fig. 3b) from the ideal
Σ3 twin boundaries are 2.5° and 1.0° for A–B and B–C points,
respectively.
The twin density increases substantially with an increase in the
rolling strain to 0.51 (Fig. 4). The multiple deformation twining
results in the development of complex microstructures composed
of frequently intersected twins belonging to different twinning
systems (Fig. 4a). Correspondingly, the average twin boundary
spacing on the transverse section decreases to 35 nm. The devel-
opment of nano-lamellar structure is a prerequisite for microshear
banding. Fig. 4b shows details of a microshear band, which passes
over a grain and shear the nano-twinned lamellae. The microshear
band appears at about 45° to the rolling plane as a narrow region
(about 100 nm in thickness) of localized shear that oriented with
Fig. 2. Optical micrographs of the Fe–17Mn–1.5Al–0.3C steel subjected to cold rolling to total strain of 0.22 (a), 0.51 (b), 0.91 (c), and 1.61 (d). The white arrows indicate
microshear bands.
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ientation corresponds to so-called E texture component, which has
been frequently observed in high-Mn steels subjected to large
strain cold rolling [14–17].
Further rolling to large total strains is accompanied by frequent
development of microshear bands. Numerous crossing microshear
bands appear on the TD plane at about 735° to the rolling plane
in the steel samples rolled to a total strain of 0.91 (Fig. 5a). The
thickness of microshear bands increases with increasing the roll-
ing strain. It is clearly seen in Fig. 5b that the microshear band
consists of ultraﬁne crystallites, which are somewhat elongated
along the shear direction. The thickness of individual microshear
bands attains 500 nm after a total rolling strain of 1.61 (Fig. 6a). It
is worth noting that the microshear bands locate at larger angles
to the rolling plane than the twin planes at large strains (Fig. 2d
and 6a). The deformation substructures that develop in the steel
samples subjected to large strain cold rolling are characterized by
large internal distortions. Nevertheless, the twins retain their ideal
relationship even after such a large cold strain as 1.61. For instance,
the deviation from the ideal twin misorientation for the lettered
points of A and B in Fig. 6b is 1.4°. This suggests that the reor-
ientation of twin lamellae along the rolling plane occurs like rigid
body rotation without signiﬁcant deformation within the rotated
microvolume. On the other hand, the local disorientation between
two nano-regions located within a twin/matrix lamella may
comprise rather large angles (e.g. 3° between B and C in Fig. 6b)that is indicative of large internal distortions, which can be at-
tributed to the high dislocation density. It is worth noting that the
disorientation direction in Fig. 6b is close to 〈101〉 that corresponds
to the stored dislocations with total Burgers vector along 〈211〉.
This may result from Shockley partials (i.e., b¼1/6[211]) or com-
bination of two dislocation families (e.g., b1¼1/2[110] and b2¼1/2
[101]).
The effects of cold rolling strain on the twin boundary spacing
and the dislocation density are shown in Fig. 7. The twin boundary
spacing rapidly reduces to tens of nanometers during cold rolling
to a strain of about 1, and then scarcely changes during subsequent
rolling. The dashed lines in Fig. 7a indicate the change in the
transverse size of any elements/features of microstructure in ac-
cordance with the sample thickness reduction. The boundary
spacing decreases much faster than could be expected from the
rolling reduction in the strain range of ε〈0.5. In contrast, the rolling
reduction does not affect the boundary spacing, which seems to be
almost strain invariant, in the strain range of ε〉0.5. It can be
concluded, therefore, that the deformation twinning frequently
operates in the present steel during cold rolling to a total strain of
approx. 0.5, and that is exhausted at larger strains. On the other
hand, the microshearing can provide the plastic deformation
without remarkable change in the boundary spacing, which be-
comes unchanged when the microshear banding develops at large
rolling strains. Contrary to bimodal strain dependency for the twin
boundary spacing, the dislocation density exhibits monotonous
Fig. 3. TEM bright ﬁeld (BF) images (a), (b) and diffraction pattern with corresponding dark ﬁeld images (c) of deformation microstructure of the Fe–17Mn–1.5Al–0.3C steel
subjected to cold rolling to a total strain of 0.22. The misorientations correspond to the lettered points in (b).
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strengthening of the steel during cold rolling.
3.2. Rolling textures
The representative orientation distribution functions (ODF) for
the samples subjected to cold rolling to various total strains are
shown in Fig. 8a. The main texture components that appear in fcc
steels are shown in Fig. 8b and deﬁned in Table 1. Generally, the
deformation textures are characterized by the development of α-
and γ-ﬁbers, i.e., 〈110〉||ND and 〈111〉||ND, respectively. The α-ﬁber
with a maximum corresponding to Brass texture component, {110}
〈112〉, rapidly develops at an early stage of deformation (cf. ODF at
ε¼0.22 in Fig. 8a). Further rolling to large total strains is accom-
panied by a slight strengthening of α-ﬁber, while the maximum
corresponding to Brass texture gradually shifts towards the Goss
texture component, {110}〈100〉 (cf. ODF at ε¼0.51 and ε¼1.61 in
Fig. 8a). On the other hand, the γ-ﬁber appears at large rolling
strains.
The variation of the volume fractions of different texture
components during cold rolling is represented in Fig. 9. The cold
rolling to total strains of about 0.5 results in the development of
rather strong Brass and S ({123}〈634〉) texture components; their
volume fractions attain 0.15 and 0.1, respectively. It should benoted that further cold rolling to large rolling strains does not lead
to any remarkable changes in the fractions of these texture com-
ponents. In contrast, cold rolling to strains above 0.5 leads to the
development of E ({111}〈110〉) and F ({111}〈112〉) texture compo-
nents, whose fractions progressively increase in the strain range of
ε〉0.5, exceeding 0.05 at ε¼1.61. The development of E and F tex-
ture components belonging to γ-ﬁber is evidently associated with
the microshear banding at large rolling strains (s. Fig. 4). Also, cold
rolling within the studied strain range of 0〈ε 〈1.61 is characterized
by a gradual increase of the volume fractions of Copper-twin
({112}〈111〉) and Goss texture components, which ﬁnally approach
0.09 and 0.07, respectively.
3.3. Tensile behavior
The engineering and true stress–strain curves obtained for the
steel samples by tensile tests at ambient temperature are shown in
Fig. 10a and b, respectively. The true stresses were calculated as-
suming uniform reduction of cross sections of specimens until
fracture. The initial, hot rolled, steel (ε¼0) exhibits pronounced
strain hardening leading to increase of the true tensile stress from
245 MPa (yield point) to 1355 MPa (maximal stress at a true ten-
sile strain of 0.63). Correspondingly, the total elongation and
uniform elongation comprise 96% (true strain of 0.67) and 88%
Fig. 4. TEM BF images showing the multiple deformation twinning (a) and the
microshear bands (b) in the Fe–17Mn–1.5Al–0.3C steel sample subjected to cold
rolling to a total strain of 0.51. The white arrows indicate the microshear bands
crossing over the twin/matrix lamellae.
Fig. 5. TEM BF images showing the deformation microstructures in the Fe–17Mn–
1.5Al–0.3C steel sample subjected to cold rolling to a total strain of 0.91. The white
arrows indicate the microshear bands.
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niﬁcant strengthening of the steel. The yield strength progressively
increases from 790 MPa to 1440 MPa with increase of the rolling
reduction from 20% to 80% (ε¼0.22 to ε¼1.61 in Fig. 10a). Note
here that the strengthening by cold rolling is accompanied by
drastic degradation of plasticity.
The shape of true stress–strain curve signiﬁcantly depends on
the previous rolling strain (Fig. 10b). The tensile behaviors of the
initial (hot rolled) steel sample and the steel sample subjected to
cold rolling to a strain of 0.22 are characterized by remarkable
strain hardening leading to almost linear increase in the true stress
with tensile strain. On the other hand, the tensile behavior of the
steel samples previously cold rolled to strains of ε〉0.5 is quite
different to that typically inherent to annealed (recrystallized)
high-Mn TWIP steels. Namely, the true ﬂow stress quickly attains
its maximum just after yielding followed by necking and failure.
This difference in the tensile behavior between the steel samples
cold rolled to strains of below or above 0.5 suggests that the TWIP
effect in the present steel takes place during deformation up to
true strains of approx. 0.5. The same conclusion can be drawn from
the structural analysis, which suggests the strain level of about
0.5 being a separating point between the deformation twinning
and the microshear banding.4. Discussion
4.1. Regularities of microstructure and texture evolution
The microstructure evolution in the present high-Mn TWIP
steel during cold rolling is typical for fcc metals/alloys with low
SFE. Namely, the structural changes are characterized by the de-
velopment of deformation twins at small to moderate strains fol-
lowed by microshear banding at large strains. In the present steel,
the deformation twinning readily occurs in the strain range of
approx. 0〈ε〈0.5, resulting in the development of layered twin/
matrix microstructure with nanoscale spacing between the
boundaries. The twin boundary spacing depends on twinning, i.e.
new twin formation, whereas the rolling reduction has a negligibly
small effect on the thickness of twin/matrix lamellae. This state-
ment holds for both the range of small to moderate strains, when
the deformation twinning rapidly develops leading to drastic de-
crease in the boundary spacing, and the range of large strains,
when the deformation twinning scarcely takes place and, there-
fore, the boundary spacing does not change with straining (Fig. 7).
It should also be noted that the strain invariant boundary spacing
at large strains suggests that the plastic ﬂow takes place locally
within microshear bands, while the islands of twin/matrix la-
mellae, which locate between the microshear bands, experience
quite small homogeneous deformation.
Fig. 6. TEM BF images showing the microshear bands (indicated by white arrows in
(a)) in the Fe–17Mn–1.5Al–0.3C steel sample after cold rolling to a strain of 1.61. The
misorientations in (b) corresponds to the lettered areas in twin/matrix lamellae.
Fig. 7. Effect of the degree of cold rolling on the twin boundary spacing (a) and
dislocation density (b) in the Fe–17Mn–1.5Al–0.3C steel.
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to the microstructural changes. Generally, the rolling textures in
fcc metals/alloys consist of an orientation tube with a skeleton line
stretching along the β-ﬁber, 〈110〉 tilted 60° from ND to RD, from
the Copper texture component, {112}〈111〉, over the S to the Brass
texture component followed by the α-ﬁber [21]. The orientation
density along the tube depends on concurrent operations of dis-
location slip, deformation twinning and shear banding, these
contributions, in turn, depend on the SFE. A decrease of SFE pro-
motes the development of deformation twinning followed by
shear banding and, therefore, leads to reduction of the intensity of
the Copper texture component; correspondingly, the volume
fraction of the Brass texture component increases [22,23].
The texture in the present steel can be characterized by a rapid
development of rather strong Brass and S texture components, and
a Copper-twin texture component, which strengthens with rolling
strain (Fig. 9), that is typical of cold rolled low SFE fcc materials
susceptible to deformation twinning and shear banding [16,17,24–
26]. Probably, the amount of ε-martensite is not enough to affect
the texture evolution remarkably. Examples of the major texture
components are schematically shown in Fig. 11. Here, the planes,
(hkl), are indicated by their normals. The dislocation slip and de-
formation twinning at small to moderate rolling strains (ε〈0.5)
result in the development of Brass and S components. Upon fur-
ther cold rolling the deformation twinning stops and the micro-
shear banding starts to operate. Correspondingly, the Brass and S
orientations/components approach their saturation and do not
vary during subsequent rolling. On the other hand, the E and F
texture components start to develop at relatively large rolling
strains of ε〉0.5. An example of E component, which is almost thesame with that experimentally observed for the microshear band
in Fig. 4b, is also schematically shown in Fig. 11. It is worth noting
that the E texture component developed in shear bands can be
considered as a Brass texture component with respect to the mi-
croshear band plane (Fig. 11).
The twin/matrix lamellae and corresponding {111} planes ro-
tate into the rolling plane during cold rolling. As a consequence,
slip on these planes becomes very difﬁcult and shear banding is
activated. The shear bands have been considered as non-crystal-
lographic bands that appear macroscopically at about 45° to the
rolling plane [22]. At a nucleation stage, however, the micro-
shearing should be associated with a cooperative dislocation slip.
The S texture component seems to be preferable orientation for
the microshear band nucleation, because it includes {111} planes
inclined with about 50° to the rolling plane (Fig. 11). The S texture
component fraction slightly decreases when the microshear bands
develop (Fig. 9). The same results have been reported in other
studies on rolling textures in high-Mn steels [14–17]. The devel-
opment of microshearing within other developed textural com-
ponents, e.g., Brass and Copper-twin, may be possible with an
assumption that shear propagates along non-close packed planes
Fig. 8. ODF sections (φ2¼0°, φ2¼45°, φ2¼65°) of Fe–17Mn–1.5Al–0.3C steel samples subjected to cold rolling, (a) experimental and (b) schematic.
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the Brass or Copper-twin texture components, respectively
(Fig. 11). The developed microshear band experiences reorienta-
tion of its volume towards some stable orientation with respect to
the shear plane, e.g., Brass-type component in Fig. 11. Thus, the
microshear band can be oriented with 〈111〉||ND, that is the γ-ﬁber
with respect to the rolled sample, and the shear direction between
〈110〉 and 〈112〉, which are essentially the E and F orientations. The
gradual increase of the fractions of Copper-twin and Goss
texture components (Fig. 9) can be attributed to dislocation
slip in microshear bands and twin/matrix lamellae [22].
In fact, simultaneous operation of two dislocation families assuggested by disorientation direction in twin/matrix lamellae in
Fig. 6b should promote the development of Copper-twin texture
component. On the other hand, the concurrent development of the
Brass, Copper-twin and Goss texture components is responsible for
the texture peak located on the α-ﬁber in the respective ODF
sections in Fig. 8 (ε¼1.61, φ2¼0° and φ2¼45°).
4.2. Strengthening mechanisms
The cold rolling results in signiﬁcant strengthening of the
present steel. The steel samples subjected to cold rolling are
characterized by high density of grain/twin boundaries and high
Table 1
Deﬁnition of texture components.
Fig. 9. Inﬂuence of cold rolling degree on the variations of the volume fractions of
the main texture components in the Fe–17Mn–1.5Al–0.3C steel.
Fig. 10. Engineering (a) and true (b) stress – strain curves obtained by tensile tests
of the Fe–17Mn–1.5Al–0.3C steel processed by cold rolling to various strains (ε).
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densities may strengthen the steel. Several approaches have been used
by different researchers to obtain the structure-property relationship
for largely strained metals/alloys. The strengthening of metallic ma-
terials processed by large strain deformation is commonly discussed in
terms of grain boundary strengthening [27] or dislocation strength-
ening [28,29] or superposition of boundary and dislocation strength-
ening [30–32]. In the latter case, both the grain boundary strength-
ening and the dislocation strengthening are assumed to contribute
independently to the overall strength. The grain boundary strength-
ening can be evaluated as
σ = ( )ε −K D 1GB 0.5
where D is the grain size (boundary intercept length) and Kε is a
constant, and the dislocation strengthening is related to a square root
of dislocation density as
σ α ρ= ( )Gb 2DISL 0.5
where α, G, and b are a constant, the shear modulus, and the Burgers
vector, respectively.
Fig. 11. Schematic representation of relatively strong texture components that
develop in twin/matrix lamellae (Brass, S and Cu-twin) and within shear band
(E) in the Fe–17Mn–1.5Al–0.3 C steel during cold rolling. The planes, (hkl), are in-
dicated here by their normals.
Fig. 12. Relationship between the yield strength and inverse square root of the
boundary spacing for the Fe–17Mn–1.5Al–0.3C steel subjected to cold rolling. The
straight line represents the linear ﬁt of experimental points.
Fig. 14. Effect of cold rolling strain on the dislocation density in the Fe–17Mn–
1.5Al–0.3C steel. The straight line represents the linear ﬁt of experimental points.
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shown in Figs. 12 and 13, respectively. It is clearly seen in Fig. 12
that the relationship between the s0.2 and D0.5 demonstrates
complex non-monotonous dependence, which cannot adequately
be represented by a linear function. In contrast, the relationship
between s0.2 and ρ0.5 can be expressed as follows (Fig. 13):
σ σ α ρ= + ( )Gb 30.2 0 0.5Fig. 13. Relationship between the yield strength and square root of the dislocation
density for the Fe–17Mn–1.5Al–0.3C steel subjected to cold rolling. The straight line
represents the linear ﬁt of experimental points.where s0¼85 MPa and α¼1. Note here that a numerical factor, α,
of 0.7 to 1.5 is commonly used for calculation of strength incre-
ments associated with dislocation density [14,30,33–35]. There-
fore, the strengthening of the high-Mn TWIP steel subjected to
cold rolling can be explained by an increasing dislocation density.
The change in the dislocation density during cold working has
been suggested to obey an exponential function of true strain,
Δρ1exp(ε) [36]. The relationship between the experimental
dislocation density (ρ) and (1exp(ε)) is represented in Fig. 14.
The experimental data for dislocation density in Fig. 14 can be
expressed by the following equation:
ρ ρ β ε= + ( – (− )) ( )exp1 40
with ρ0¼4.51013 m2 and β¼5.41015 m2. Assuming the
dislocation density being the major strength contributor, the yield
strength can be calculated using Eqs. (3) and (4) for the steel
samples, which were cold rolled to various strains. The experi-
mental and calculated values of the yield strength are shown in
Fig. 15 by open circles and solid line, respectively. It is clearly seen
in Fig. 15 that the calculated yield strengths are quite coincident
with the experimental ones.
Alternatively, the yield strength of cold rolled samples can also
be expressed taking into account concurrent contributions from
the grain/twin boundaries (Eq. (1)) and the dislocation density (Eq.
(2)):
σ σ α ρ= + + ( )ε −K D Gb 50.2 0 0.5 0.5
The best ﬁt of experimental results is obtained when s0
¼150 MPa, Kε¼0.06 MPa m0.5, and α¼0.67 as shown in Fig. 15 by
dashed line. This approach predicts reasonable value for disloca-
tion strengthening factor, α¼0.67, which is close to that frequently
used to evaluate the work hardening of various metallic materials.
However, the grain boundary strengthening constant, Kε
¼0.06 MPa m0.5, seems to be very small. Similar results have been
obtained in other studies on austenite strengthening by large
strain deformation, suggesting that dislocation strengthening
provides the main contribution to the overall strength [9,32,37].
The signiﬁcant strengthening effect from grain boundaries has
been reported for ultraﬁne grained materials processed by severe
plastic deformation [34]. The grain boundaries in these materials
were considered being in non-equilibrium state that arouse high
Fig. 15. Effect of cold rolling strain on the yield strength of the Fe–17Mn–1.5Al–
0.3C steel. The symbols indicate the experimental data obtained by tensile tests,
whereas solid and dotted lines correspond to those calculated by Eqs. (3) or (5),
respectively.
Z. Yanushkevich et al. / Materials Science & Engineering A 651 (2016) 763–773772internal stresses affecting the dislocation motion and, therefore,
the strength of material [38,39]. In the present study, the dis-
location densities were estimated by X-Ray diffraction, which ac-
tually evaluates the mean internal elastic distortions irrespective
of their origin, i.e. those associated with lattice dislocations and
grain boundary dislocations, including twin/matrix lamellae and
microshear bands. Therefore, the strengthening of the present
steel can be evaluated by either Eq. (3) or Eq. (5), because both of
them make the dislocation density (namely, internal stresses) as
the primary source of strengthening.
The deformation twinning provides a homogeneous increase of
dislocation density up to some upper limit in a whole strained
sample. It is worth noting that the hot rolled and cold rolled steel
samples exhibit the same level of twinning-controlled strength-
ening (Fig. 16), similar to other high-Mn TWIP steels [9, 13-15, 40].
The maximal true tensile stress in the samples previously cold
rolled to strains of εr0.5 (just before microshear band expansion)
comprises about 1300 MPa. This strength level can be considered
as an upper limit for twinning-controlled strengthening. Further
strengthening can be achieved by subsequent cold rolling to largeFig. 16. Effect of cold rolling strain on the maximal true stress, which was attained
by the tensile tests of the Fe–17Mn–1.5Al–0.3C steel.strains. The work hardening due to large strain deformation re-
sults in gradual strengthening above the twinning-controlled
limit. The maximal true stress increases up to 1650 MPa as the
previous rolling strain increases to 1.61 (Fig. 16). However, the
large strain cold rolling is accompanied by the shear banding,
which becomes essential feature of the deformation structure and
results in a drastic degradation of plasticity in the samples cold
rolled to strains of above 0.5.5. Conclusions
The effect of cold rolling on the microstructure and texture
evolution and strengthening of an advanced high-Mn austenitic
TWIP steel was studied. The main results can be summarized as
follows.
1. The structural changes during cold rolling were characterized
by the development of deformation twinning at rolling strains
up to about 0.5 followed by microshear banding upon sub-
sequent rolling. The twin boundary spacing quickly decreased to
35 nm during cold rolling to a strain of 0.5 followed by further
gradual decrease to about 20 nm at large strains. The cold rolled
microstructure that developed at large strains consisted of twin/
matrix lamella islands surrounded by microshear bands and
involved high dislocation density. An increase in the dislocation
density during cold rolling could be expressed by the following
function of rolling strain:
ρ ρ β ε= + ( – (− ))exp10
where ρ0¼4.51013 m2 and β¼5.41015 m2.
2. The deformation textures that developed during cold rolling
at relatively small strains below about 0.5 were characterized by
the evolution of rather strong Brass and S texture components.
Further rolling was accompanied by the development of Copper-
twin texture component. The development of microshear banding
at large strains promoted formation of the γ-ﬁber texture com-
ponents, namely the E and F orientations.
3. The hot rolled steel exhibited a large total elongation above
90% and a relatively low yield strength of 245 MPa. Cold rolling
resulted in signiﬁcant increase in the yield strength up to
1440 MPa after rolling to a total strain of 1.61. The strengthening of
the present steel during cold rolling was attributed to an increase
in the dislocation density and a reduction in the grain/twin
boundary spacing. The yield strength could be expressed as:
σ σ α ρ= + +ε −K D Gb0.2 0 0.5 0.5
where s0¼150 MPa, Kε¼0.06 MPa m0.5, and α¼0.67, suggesting
that the dislocation density is a major contributor to the
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